Abstract: Global economy requires steel with further increasing mechanical properties and simultaneously decreasing price. In mass manufacturing three major methods can be used to increase strength: (i) increase microalloying element additions (increases cost), (ii) decrease deformation temperature and (iii) increase cooling rate after high temperature processing (both can be challenging for equipment). Thin strip casting is an effective way to reduce cost as it brings a reduction in number of deformation passes and shortens the production line. However, the mechanical properties can be missed due to insufficient microstructure development. In this article, we investigate a recently proposed technology based on Austenite Conditioning followed by Accelerated Cooling and Warm Deformation (AC 2 WD). Two low carbon steels microalloyed with either 0.012Ti or 0.1Mo-0.064Nb-0.021Ti (wt.%) were subjected to three processing modifications of the AC 2 WD-technology with two, one or no deformation of cast microstructure in the austenite temperature field. The Ti-and MoNbTi-steels exhibited 685-765 MPa and 880-950 MPa of the yield stress, 780-840 MPa and 1035-1120 MPa of tensile strength, and 20-30% and 22-24% of elongation to failure, respectively. The nature of strengthening mechanisms associated with the AC 2 WD-technology is discussed on the basis of detailed microstructure characterisation.
Introduction
Iron and steel industries are responsible for~5% of the global energy consumption and~7% of total CO 2 emissions [1] . Energy constitutes from 20 to 40% of steel production cost [2] . Therefore, reductions in energy consumption are undoubtedly beneficial from both social and economic points of view. Technology developments of recent decades, such as utilisation of scrap, continuous casting, collection of by-product gases, allowed substantial reductions in energy usage (up to 60% since 1960s). In the area of flat product manufacturing, Compact Strip Production (CSP) (thin slab casting followed by five or six rolling passes) and Strip Casting (thin strip casting followed by one rolling pass) became breakthrough technologies bringing about two and nine times reduction in energy consumption, respectively [3] . The CSP technology is used to manufacture carbon, high strength low alloyed, stainless, silicon rich, quenched and tempered, and dual phase ultra-high strength steels [4] [5] [6] [7] [8] [9] . The Strip Casting technology allows to manufacture carbon, silicon rich, stainless and microalloyed steels [10] [11] [12] [13] . In recent laboratory investigations, dual phase [14] and transformation-induced plasticity [15] steels have been successfully obtained by strip casting. In spite of these noticeable achievements, attaining the desired microstructure-properties relationship remains a challenge for thin cast products. For example, our recent studies of dual phase strip cast steels showed a decrease in total elongation with an increase in strength [14] . A decrease in temperature of single deformation cycle did improve ductility via ferrite grain refinement [16] . However, the strength decreased with a decrease in deformation temperature. This could be explained if a decrease in deformation temperature resulted in an increase in start temperature of austenite to ferrite transformation, A 3 , (reduced hardenability) leading to the decreased dislocation density in ferrite. An increase in A 3 temperature with austenite deformation was observed previously in low and medium carbon steels [17] [18] [19] . On a whole, reduced hot deformation strain results in sluggish recrystallisation, large prior austenite grain size, large grain size of low temperature phases (ferrite, bainite, martensite), and reduced ductility. In steels microalloyed with strong carbonitride forming elements, low strains may lead to insufficient precipitation strengthening, if strain induced precipitation did not take place. Therefore, investigation of the effect of hot deformation on ambient temperature microstructure and properties plays an important role in the development of future steel processing technologies. An increasing demand for steel, due to the growing human population, will bring another constraint to new technologies and products-low cost. In addition to the reduced amount of hot deformation, decreased contents of expensive microalloying elements would also contribute to the cost decrease. Thus, it would be beneficial if the new steel processing technology assured the best combination of properties not only with minimum deformation cycles but also utilising the simplest steel composition.
Technology Development
Grain refinement is known to be the only microstructure development mechanism increasing strength and ductility simultaneously. Therefore, many technologies have been developed to reduce grain size [20] . These technologies are mainly based on either "severe plastic deformation" or "advanced thermomechanical processing". Severe plastic deformation is difficult to achieve in high volume manufacturing (plate and strip rolling). Thus, in this case, development of thermomechanical processing should be undertaken. To reduce ferrite grain size, one or more of the following mechanisms can be utilised in the process design: dynamic recrystallization of austenite followed by transformation to ferrite [21] [22] [23] [24] ; strain induced ferrite transformation [16, [25] [26] [27] [28] ; hot deformation in the austenite/ferrite two-phase region [29] ; warm deformation in the ferrite region [30] [31] [32] ; accelerated cooling [23, 33] ; or cold rolling and annealing of a martensitic microstructure [34] [35] [36] . However, the effect of grain size on tensile elongation and ductility may impose a restriction on application of the grain refinement mechanism: tensile elongation significantly decreases below 10% with a decrease in grain size below 1 m [31, 37] . Therefore, optimum grain size should, probably, be at the level of 1.5-2 m. According to the Hall-Petch relationship, this would contribute up to 600 MPa to the yield stress. Further strengthening must come from solid solute atoms (and their clusters), particle precipitation, and substructure (dislocation density, shear bands). Atom and particle strengthening rely on the cost of steel composition. The substructure can be modified with processing if appropriate equipment is available. In view of these considerations, we suggested the AC 2 WD technology [38] , which stands for austenite conditioning (AC) followed by accelerated cooling (AC) and warm deformation (WD). Austenite conditioning is supposed to prepare austenite for transformation, via development of a certain prior austenite grain size and substructure. Accelerated cooling helps to reduce grain size of low temperature phases and increase dislocation density. Warm deformation further improves the substructure via work hardening. If a steel is microalloyed, holding after the deformation allows to control atom partitioning between the matrix and precipitates and to achieve the maximum strengthening contribution from solute atoms and precipitates. One of the key questions about the new technology is "what kind of austenite conditioning is required?" or in other words, "do we need hot deformation?" An attempt to answer this question is presented below. Figure 1 shows the three thermomechanical processing schedules investigated here. The route A included: austenitising at 1250 • C for 300 s, cooling to 1100 • C at 1 • C s −1 , first deformation at 1100 • C to 0.35 strain at 5 s −1 strain rate, cooling to 975 • C at 1 • C s −1 , second deformation at 975 • C to 0.50 strain at 5 s −1 strain rate, cooling to 675 • C (this temperature was chosen to be below A 1 ≈ 750 • C for the studied steels, see "Materials and Methods" section below) at a cooling rate of 40 • C s −1 (this cooling rate had to assure retention of deformed microstructure after the second deformation, prevention of pearlite formation and facilitation of bainite formation), third deformation at 675 • C to 0.25 strain at 5 s −1 strain rate (to give sufficient work hardening), holding at 600 • C for 300 s (to finish bainite transformation, allow for some recovery to take place and promote particle precipitation). From route A, route B differed in the absence of deformation at 1100 • C, and route C differed in the absence of both deformations at 1100 • C and 975 • C. Such processing schedules were designed to provide dynamic recrystallization (DRX) of austenite and retention of substructure in austenite (route A), absence of DRX but retention of austenite substructure (route B), and retention of cast microstructure due to absence of any austenite deformation (route C). bainite transformation, allow for some recovery to take place and promote particle precipitation). From route A, route B differed in the absence of deformation at 1100 °C, and route C differed in the absence of both deformations at 1100 °C and 975 °C. Such processing schedules were designed to provide dynamic recrystallization (DRX) of austenite and retention of substructure in austenite (route A), absence of DRX but retention of austenite substructure (route B), and retention of cast microstructure due to absence of any austenite deformation (route C). 
Effect of Processing on Microstructure
The three processing technologies presented in Figure 1 have been tested on two microalloyed steels with varying contents of Ti, Nb and Mo: 0.095C-0.012Ti (wt.%) designated as Ti-steel and 0.081C-0.1Mo-0.064Nb-0.021Ti (wt.%) designated as MoNbTi-steel. These two steels have been chosen to investigate additions of Mo and Nb on microstructure and mechanical properties. Both of these elements were expected to facilitate bainite transformation [39] [40] [41] [42] [43] [44] [45] [46] [47] during accelerated cooling prior to warm deformation.
Grain Structure and Phase Balance
The additions of Mo and Nb did affect the microstructure phase balance and particle precipitation. The microstructure consisted of ferrite and pearlite in the Ti-steel (Figure 2a-c) and of granular bainite in the MoNbTi-steel (Figure 2d-f) . The average ferrite grain size in the Ti-steel was several times larger than the average width of bainitic ferrite areas in the MoNbTi-steel (Table 1) . Elimination of hot deformation facilitated austenite transformation to a more acicular microstructure in both steels. In particular, the ferrite grain size in Ti-steel and bainitic ferrite area width in the MoNbTi-steel decreased by 2-2.5 times from route A to C (Table 1 ). In the Ti-steel, the deformation bands have been observed in almost all ferritic grains (Figure 3a-c) , although a limited number of bainitic ferrite areas in the MoNbTi-steel contained the deformation bands (Figure 3d-f ). In the Tisteel, the majority of deformation bands were running at a distance of 200-600 nm from each other. A processing route variation did not affect the distribution of deformation bands. Obviously, they appeared as a result of a warm deformation cycle, which was similar for the three studied processing routes. The second phase was pearlite in the Ti-steel and martensite-austenite (MA) constituent in the MoNbV-steel. The average size of second phase grains was larger in the Ti-steel. However, the difference in average size of second phase grains decreased with elimination of hot deformation from 2.7 times for route A to 1.5 times for route B and to 5% for route C. The second phase fraction was 2-3 times larger in the MoNbTi-steel compared to the Ti-steel. The second phase fraction increased with elimination of hot deformation (from route A to B to C) in both steels, and was increasing faster in the MoNbTi-steel. These variations in ambient temperature grain structure could originate from two 
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The additions of Mo and Nb did affect the microstructure phase balance and particle precipitation. The microstructure consisted of ferrite and pearlite in the Ti-steel (Figure 2a-c) and of granular bainite in the MoNbTi-steel (Figure 2d-f) . The average ferrite grain size in the Ti-steel was several times larger than the average width of bainitic ferrite areas in the MoNbTi-steel ( Table 1) . Elimination of hot deformation facilitated austenite transformation to a more acicular microstructure in both steels. In particular, the ferrite grain size in Ti-steel and bainitic ferrite area width in the MoNbTi-steel decreased by 2-2.5 times from route A to C (Table 1 ). In the Ti-steel, the deformation bands have been observed in almost all ferritic grains (Figure 3a-c) , although a limited number of bainitic ferrite areas in the MoNbTi-steel contained the deformation bands (Figure 3d-f) . In the Ti-steel, the majority of deformation bands were running at a distance of 200-600 nm from each other. A processing route variation did not affect the distribution of deformation bands. Obviously, they appeared as a result of a warm deformation cycle, which was similar for the three studied processing routes. The second phase was pearlite in the Ti-steel and martensite-austenite (MA) constituent in the MoNbV-steel. The average size of second phase grains was larger in the Ti-steel. However, the difference in average size of second phase grains decreased with elimination of hot deformation from 2.7 times for route A to 1.5 times for route B and to 5% for route C. The second phase fraction was 2-3 times larger in the MoNbTi-steel compared to the Ti-steel. The second phase fraction increased with elimination of hot deformation (from route A to B to C) in both steels, and was increasing faster in the MoNbTi-steel. These variations in ambient temperature grain structure could originate from two major mechanisms: (i) dynamic recrystallization (DRX) of austenite, leading to development of prior austenite grains of certain size; and (ii) kinetics of austenite transformation during cooling, determining types and parameters of low temperature phases. • Two high temperature deformations (route A) resulted in pronounced DRX and fine-grained austenite; during cooling the fine-grained austenite transformed to fine-grained ferrite (a substantial number of ferrite nucleation sites was determined by the large length of prior austenite grain boundaries); a significantly lower second phase fraction (2.5% in contrast to 10.9%, expected for 0.095 wt.% C on the basis of lever rule) formed as a result of accelerated cooling (40 C s −1 ); the ferrite solution was supersaturated with Carbon; • One high temperature deformation (route B) resulted in partial DRX and formation of two types of austenite grains, fine recrystallised and large deformed non-recrystallised; during cooling the large deformed grains transformed to rather acicular ferrite grains (an increase in acicular ferrite fraction with an increase in austenite grain size was reported previously [48] ) and fine recrystallised grains transformed to rather polygonal ferrite grains-this decreased the average measured value of ferrite grain size from 10 m for route A to 4.8 m for route B (Table 1) ; a slightly higher pearlite fraction, 3.2% for route B compared to 2.5% for route A, might be associated with slower strain induced precipitation of carbides and more Carbon available in solid solution for the pearlite reaction; • Without high temperature deformation (route C), the large cast grains transformed to acicular ferrite (in addition to the effect of grain size, the austenite to ferrite transformation start temperature A 3 could decrease with elimination of deformation [49, 50] , this would also facilitate the transformation to acicular ferrite instead of polygonal), although some polygonal ferrite formation could take place on austenite grain boundaries; a further minor increase in the pearlite fraction, from 3.2% for route B to 4.3% for route C, might be associated with an increase in remaining austenite fraction at the end of cooling, this austenite fraction would transform to pearlite during holding after the deformation (deformation was reported to facilitate the pearlite reaction [51] ).
In the MoNbTi-steel ( Figure 5 ):
• In spite of two high temperature deformations (route A) DRX was, probably, partial; this would correspond to a higher recrystallization stop temperature of the MoNbTi-steel (975 • C) than this of the Ti-steel (900 • C) [52] ; during cooling the austenite grains of all types were transforming to bainitic ferrite, as a result of Mo [39] [40] [41] [42] and Nb [43] [44] [45] [46] [47] promoting the bainite transformation; the second phase MA constituent formed from the austenite retained after bainitic ferrite transformation; transformation to MA occurred during the final cooling to ambient temperature after the warm deformation cycle; • One high temperature deformation (route B) did not create conditions for DRX (the deformation temperature of 975 • C was equal to T nr ); therefore, large deformed non-recrystallised grains dominated; during cooling, the dislocation structure retained in austenite facilitated transformation to a finer bainitic ferrite (1 m of bainitic ferrite area width for route B in contrast to 2.5 m for route A, Table 1 ) via an increased nucleation rate (pre-deformation was observed increasing the bainite transformation rate [53] ); however, the rate of bainitic ferrite growth might be reduced because of retained dislocation structure (stronger austenite slower transforms to bainite [54] ); this resulted in an increased volume fraction of the second phase MA, 7.7% for route B compared to 5.5% for route A (the bainite volume fraction was observed decreasing with strain [55] ); • Without high temperature deformation (route C) large cast grains sustained, although their size could be smaller in the MoNbV-steel than in the Ti-steel due to the retardation of grain growth by Mo [56, 57] and Nb [58] [59] [60] solute atoms and precipitates; during cooling large non-deformed austenitic grains could faster transform to bainite, due to the austenite being softer, and the bainite transformation could start at a higher temperature [61] -this would favour an increase in the bainite volume fraction; however, the potential number of nucleation sites was lower, and thus, a decreased bainitic ferrite fraction was observed for route C (MA fraction increased to 13%, Table 1 ).
Particle Precipitation
SEM imaging has shown the presence of 20-70 nm precipitates in the Ti-steel and 20-140 nm ones in the MoNbTi-steel (Figure 6a-f) . EDS analysis has proven the particles to be of TiN and TiC type in the Ti-steel (Figure 6g ) and NbTiCN and NbC type in the MoNbTi-steel (Figure 6h,i) . The relative amount of Ti and Nb in the NbTiCN particles is believed to vary, as the Ti and Nb energy peaks on EDS spectra were of different height (compare Figure 6h,i) . TEM imaging revealed presence of 2-20 nm particles in both steels in all processing conditions (Figure 7 ). Due to their small sizes, the EDS analysis of particles was unsuccessful. Thus, their type was identified using selected area diffraction and measurement of unit cell sizes. This approach has shown the 2-20 nm particles to be TiC and Fe 3 C in the Ti-steel, and NbC and Fe 3 C in the MoNbTi-steel. Selected examples of the diffraction analysis are presented in Figure 8 . The TiC lattice parameter was measured to be a = 0.433-0.436 nm, which is in good agreement with the previously reported value of 0.432-0.433 [62, 63] . The measured NbC lattice parameter of a = 0.446 nm was also in the range of previously reported values of 0.436-0.450 nm [64] [65] [66] . 
SEM imaging has shown the presence of 20-70 nm precipitates in the Ti-steel and 20-140 nm ones in the MoNbTi-steel (Figure 6a-f) . EDS analysis has proven the particles to be of TiN and TiC type in the Ti-steel (Figure 6g ) and NbTiCN and NbC type in the MoNbTi-steel (Figure 6h,i) . The relative amount of Ti and Nb in the NbTiCN particles is believed to vary, as the Ti and Nb energy peaks on EDS spectra were of different height (compare Figure 6h,i) . TEM imaging revealed presence of 2-20 nm particles in both steels in all processing conditions (Figure 7 ). Due to their small sizes, the EDS analysis of particles was unsuccessful. Thus, their type was identified using selected area diffraction and measurement of unit cell sizes. This approach has shown the 2-20 nm particles to be TiC and Fe3C in the Ti-steel, and NbC and Fe3C in the MoNbTi-steel. Selected examples of the diffraction analysis are presented in Figure 8 . The TiC lattice parameter was measured to be a = 0.433-0.436 nm, which is in good agreement with the previously reported value of 0.432-0.433 [62, 63] (Figure 1 ) and EDS spectra of (g) TiN particle in the Ti-steel, (h) NbTi-rich particle in the MoNbTi-steel and (i) TiNb-rich particle in the MoNbTi-steel. (Figure 1 ) and EDS spectra of (g) TiN particle in the Ti-steel, (h) NbTi-rich particle in the MoNbTi-steel and (i) TiNb-rich particle in the MoNbTi-steel. Analysis of the particle parameters has shown the following for Ti-steel (Table 1) :

The maximum of >20 nm particle number density and volume fraction, maximum of relative percentage of TiC in the >20 nm particle size range, absence of TiC in the <20 nm size range, and minimum of matrix unit cell size (associated with minimum concentration of solid solute atoms in the matrix [71] ) were observed for route A. These data indicate a pronounced strain induced precipitation of TiC occurring in austenite when two high temperature deformations, at 1100 and 975 °C, were applied;  With elimination of deformation at 1100 °C (route B), the >20 nm particle number density decreased by almost 30 times (note the particle size distribution variation in Figure 9a ), the average particle size increased, relative amount of >20 nm TiC particles decreased to 25% (from 41% for route A), the <20 nm particle number density increased by 1.3 times (note the particle size distribution variation in Figure 9c ), amongst <20 nm particles the TiC ones were identified in addition to Fe3C, the matrix unit cell size increased to 0.305 nm (from 0.296 nm for route A). These suggest a substantial decrease in strain-induced precipitation in austenite, compared to route A, with more Ti and C available for precipitation of <20 nm particles. Analysis of the particle parameters has shown the following for Ti-steel (Table 1) :
The maximum of >20 nm particle number density and volume fraction, maximum of relative percentage of TiC in the >20 nm particle size range, absence of TiC in the <20 nm size range, and minimum of matrix unit cell size (associated with minimum concentration of solid solute atoms in the matrix [71] ) were observed for route A. These data indicate a pronounced strain induced precipitation of TiC occurring in austenite when two high temperature deformations, at 1100 and 975 °C, were applied;  With elimination of deformation at 1100 °C (route B), the >20 nm particle number density decreased by almost 30 times (note the particle size distribution variation in Figure 9a ), the average particle size increased, relative amount of >20 nm TiC particles decreased to 25% (from 41% for route A), the <20 nm particle number density increased by 1.3 times (note the particle size distribution variation in Figure 9c ), amongst <20 nm particles the TiC ones were identified in addition to Fe3C, the matrix unit cell size increased to 0.305 nm (from 0.296 nm for route A). These suggest a substantial decrease in strain-induced precipitation in austenite, compared to route A, with more Ti and C available for precipitation of <20 nm particles. Analysis of the particle parameters has shown the following for Ti-steel (Table 1 ):
• The maximum of >20 nm particle number density and volume fraction, maximum of relative percentage of TiC in the >20 nm particle size range, absence of TiC in the <20 nm size range, and minimum of matrix unit cell size (associated with minimum concentration of solid solute atoms in the matrix [71] ) were observed for route A. These data indicate a pronounced strain induced precipitation of TiC occurring in austenite when two high temperature deformations, at 1100 and 975 • C, were applied; • With elimination of deformation at 1100 • C (route B), the >20 nm particle number density decreased by almost 30 times (note the particle size distribution variation in Figure 9a ), the average particle size increased, relative amount of >20 nm TiC particles decreased to 25% (from 41% for route A), the <20 nm particle number density increased by 1.3 times (note the particle size distribution variation in Figure 9c ), amongst <20 nm particles the TiC ones were identified in addition to Fe 3 C, the matrix unit cell size increased to 0.305 nm (from 0.296 nm for route A). These suggest a substantial decrease in strain-induced precipitation in austenite, compared to route A, with more Ti and C available for precipitation of <20 nm particles.
•
Without high temperature deformation (route C) the number density of >20 nm particles increased due to static precipitation of TiN, although precipitation of TiC in austenite continued to decrease (note a decrease in the relative amount of TiC in the >20 nm particle size range), the number density and volume fraction of <20 nm particles slightly decreased (by about 6% compared to route B), although the number density of <20 nm particles was 22% higher than for route A, the matrix unit cell size was of intermediate value between routes A and B. These data mean that route C gives a "balanced distribution" of Ti between >20 nm, <20 nm particles and solid solution.  Without high temperature deformation (route C) the number density of >20 nm particles increased due to static precipitation of TiN, although precipitation of TiC in austenite continued to decrease (note a decrease in the relative amount of TiC in the >20 nm particle size range), the number density and volume fraction of <20 nm particles slightly decreased (by about 6% compared to route B), although the number density of <20 nm particles was 22% higher than for route A, the matrix unit cell size was of intermediate value between routes A and B. These data mean that route C gives a "balanced distribution" of Ti between >20 nm, <20 nm particles and solid solution.
In the MoNbTi-steel, the following variations in precipitation took place (Table 1) :
 The route A resulted in the highest number density of >20 nm particles, the largest fraction of NbC in the >20 nm particle size range, and the lowest number density of <20 nm particles, although the average size of <20 nm particles and their volume fraction were the highest compared to other routes (remember that <20 nm NbC precipitated in austenite). Similarly, to Ti-steel, these indicate a substation strain-induced precipitation in austenite for route A, in particular precipitation of NbC in addition to NbTiCN;  With elimination of deformation at 1100 °C (route B) the number density of >20 nm particles decreased by thre times (Figure 9b ), although the average size and fraction of TiNbCN increased; the number density of <20 nm particles increased by almost one and a half times (and by almost four times in the 2-3 nm size range, Figure 9d) ; the matrix unit cell size showed a certain decrease (which may follow a decrease in the solid solute concentrations). These data for route B support a slower strain-induced precipitation in austenite, growth of Ti-core particles via deposition of Nb containing shell, and quite significant precipitation of <20 nm particles (NbC in austenite and Fe3C in the ferrite temperature field);  Without high temperature deformation (route C), the average size of >20 nm particles further increased, their area fraction increased by 2.7 times compared to route B, the relative amount of coarse TiNbCN continued to rise; the average size, number density and volume fraction of <20 nm particles decreased compared to route B (although the number density of 2-3 nm particles was as high as for route B), and the matrix unit cell size slightly increased. These mean that static precipitation of NbTiCN and growth of TiNbCN particles in austenite were significant, some static precipitation of NbC in austenite took place, Fe3C precipitation was significant, and the In the MoNbTi-steel, the following variations in precipitation took place (Table 1) :
• The route A resulted in the highest number density of >20 nm particles, the largest fraction of NbC in the >20 nm particle size range, and the lowest number density of <20 nm particles, although the average size of <20 nm particles and their volume fraction were the highest compared to other routes (remember that <20 nm NbC precipitated in austenite). Similarly, to Ti-steel, these indicate a substation strain-induced precipitation in austenite for route A, in particular precipitation of NbC in addition to NbTiCN; • With elimination of deformation at 1100 • C (route B) the number density of >20 nm particles decreased by thre times (Figure 9b ), although the average size and fraction of TiNbCN increased; the number density of <20 nm particles increased by almost one and a half times (and by almost four times in the 2-3 nm size range, Figure 9d) ; the matrix unit cell size showed a certain decrease (which may follow a decrease in the solid solute concentrations). These data for route B support a slower strain-induced precipitation in austenite, growth of Ti-core particles via deposition of Nb containing shell, and quite significant precipitation of <20 nm particles (NbC in austenite and Fe 3 C in the ferrite temperature field); • Without high temperature deformation (route C), the average size of >20 nm particles further increased, their area fraction increased by 2.7 times compared to route B, the relative amount of coarse TiNbCN continued to rise; the average size, number density and volume fraction of <20 nm particles decreased compared to route B (although the number density of 2-3 nm particles was as high as for route B), and the matrix unit cell size slightly increased. These mean that static precipitation of NbTiCN and growth of TiNbCN particles in austenite were significant, some static precipitation of NbC in austenite took place, Fe 3 C precipitation was significant, and the solid solution might be enriched in Mo, Nb and C.
With respect to the effect of steel composition on precipitation for the same processing schedule, both steels showed domination of (i) strain-induced precipitation in austenite for route A resulting in high number densities of >20 nm particles, (ii) <20 nm particle precipitation for route B, and (iii) enrichment of solid solution for route C. However, the particle number density in all size ranges was higher in the Ti-steel (except for the <20 nm particles for route B), although this steel contained a lower Ti concentration (0.012 wt.%, compared to 0.021 wt.% in the MoNbTi-steel) and no Nb. Obviously, a higher Carbon content in the Ti-steel (0.095 wt.% compared to 0.081 wt.% in the MoNbTi-steel) enhanced precipitation of TiC, and presence of Mo in the MoNbTi-steel retarded the particle nucleation. Increased solubility of Ti and Nb in austenite with Mo addition was reported previously [72] [73] [74] .
Dislocation Structure
In both steels the dislocation structure consisted of dense dislocation networks, with numerous knots and tangles (Figure 10 ). The average dislocation density was 1.9-2.6 × 10 14 m −2 in the Ti-steel and 3.2-4.3 × 10 14 m −2 in the MoNbTi-steel (Table 1 ). Up to two times higher dislocation density in the MoNbTi-steel was an insignificant difference to what might be expected from the steel composition variation. This can be explained by recovery taking place during holding after the warm deformation cycle. For each steel the variation in dislocation density with processing was insignificant. Obviously, the final dislocation density was more affected by warm deformation and holding (which was similar for all processing schedules) than by hot deformation. The dislocation walls have been observed in both steels for all processing conditions ( Figure 11 ). They could develop following dislocation polygonisation during holding after the warm deformation; this requires a more detailed investigation. With respect to the effect of steel composition on precipitation for the same processing schedule, both steels showed domination of (i) strain-induced precipitation in austenite for route A resulting in high number densities of >20 nm particles, (ii) <20 nm particle precipitation for route B, and (iii) enrichment of solid solution for route C. However, the particle number density in all size ranges was higher in the Ti-steel (except for the <20 nm particles for route B), although this steel contained a lower Ti concentration (0.012 wt.%, compared to 0.021 wt.% in the MoNbTi-steel) and no Nb. Obviously, a higher Carbon content in the Ti-steel (0.095 wt.% compared to 0.081 wt.% in the MoNbTi-steel) enhanced precipitation of TiC, and presence of Mo in the MoNbTi-steel retarded the particle nucleation. Increased solubility of Ti and Nb in austenite with Mo addition was reported previously [72] [73] [74] .
In both steels the dislocation structure consisted of dense dislocation networks, with numerous knots and tangles (Figure 10 ). The average dislocation density was 1.9-2.6 × 10 14 m −2 in the Ti-steel and 3.2-4.3 × 10 14 m −2 in the MoNbTi-steel (Table 1 ). Up to two times higher dislocation density in the MoNbTi-steel was an insignificant difference to what might be expected from the steel composition variation. This can be explained by recovery taking place during holding after the warm deformation cycle. For each steel the variation in dislocation density with processing was insignificant. Obviously, the final dislocation density was more affected by warm deformation and holding (which was similar for all processing schedules) than by hot deformation. The dislocation walls have been observed in both steels for all processing conditions (Figure 11 ). They could develop following dislocation polygonisation during holding after the warm deformation; this requires a more detailed investigation. 
Effect of Processing on Mechanical Properties
The AC 2 WD-technology studied here in laboratory conditions produced significantly higher strength, with simultaneous high elongation, compared to the values usually achieved for similar steel compositions after contemporary processing. Thus, the yield stress (YS), ultimate tensile strength (UTS) and elongation to failure in Ti-steel were in the range of 686-765 MPa, 783-836 MPa and 20-30%, respectively; and these in MoNbTi-steel were in the range of 880-950 MPa, 1037-1120 MPa and 22-24%, respectively ( Figure 12 , Table 2 ). After contemporary processing, i.e., completed rolling in the austenite temperature field followed by cooling at moderate rates, properties at the level of YS = 645-685 MPa, UTS = 715-750 MPa and 20-24% of elongation were reported in a 0.08C-0.08 wt.% Ti steel [75] ; and YS = 720 MPa, UTS = 808 MPa and 23.5% of elongation were observed in a 0.05C-0.104 wt.% Ti steel [76] . As can be seen, for Ti-microalloyed grades the AC 2 WD-technology may overcome strength by 100 MPa (with similar ductility) at 6.7 times lower Ti content and overcome strength by 30 MPa (with similar ductility) at 8.7 times lower Ti content. For the MoNbTi-microalloyed grades, the following properties were reported after contemporary processing: YS = 619-731 MPa, UTS = 682-764 MPa and 17-19% of elongation for 0.075C-0.079Mo-0.055Nb-0.06Ti steel [77] ; and YS = 734 MPa, UTS = 807 MPa and 24% of elongation for 0.047C-0.20Mo-0.082Ti steel [78] . Compared to these, the AC 2 WD-technology provides 200-300 MPa strength increase (with similar ductility) for lower microalloying element concentrations and a more simple processing schedule (in particular, a decreased number of deformation passes). So remarkable improvements in mechanical properties can be associated with three microstructure developments inherent for the AC 2 WD-technology: (i) slow strain induced precipitation in austenite, due to decreased deformation in the austenite temperature field, saves microalloying elements, carbon and nitrogen for low temperature precipitation and solid solution strengthening; (ii) accelerated cooling through the intercritical temperature region helps the formation of the acicular ferrite/bainite (depending on steel composition) microstructure with fine grain size; and (iii) warm deformation followed by holding leads to appearance of deformation bands and dislocation walls, which reduce the distance of dislocation free-pass and contribute to the grain refinement effect. 
The AC 2 WD-technology studied here in laboratory conditions produced significantly higher strength, with simultaneous high elongation, compared to the values usually achieved for similar steel compositions after contemporary processing. Thus, the yield stress (YS), ultimate tensile strength (UTS) and elongation to failure in Ti-steel were in the range of 686-765 MPa, 783-836 MPa and 20-30%, respectively; and these in MoNbTi-steel were in the range of 880-950 MPa, 1037-1120 MPa and 22-24%, respectively ( Figure 12 , Table 2 ). After contemporary processing, i.e., completed rolling in the austenite temperature field followed by cooling at moderate rates, properties at the level of YS = 645-685 MPa, UTS = 715-750 MPa and 20-24% of elongation were reported in a 0.08C-0.08 wt.% Ti steel [75] ; and YS = 720 MPa, UTS = 808 MPa and 23.5% of elongation were observed in a 0.05C-0.104 wt.% Ti steel [76] . As can be seen, for Ti-microalloyed grades the AC 2 WD-technology may overcome strength by 100 MPa (with similar ductility) at 6.7 times lower Ti content and overcome strength by 30 MPa (with similar ductility) at 8.7 times lower Ti content. For the MoNbTimicroalloyed grades, the following properties were reported after contemporary processing: YS = 619-731 MPa, UTS = 682-764 MPa and 17-19% of elongation for 0.075C-0.079Mo-0.055Nb-0.06Ti steel [77] ; and YS = 734 MPa, UTS = 807 MPa and 24% of elongation for 0.047C-0.20Mo-0.082Ti steel [78] . Compared to these, the AC 2 WD-technology provides 200-300 MPa strength increase (with similar ductility) for lower microalloying element concentrations and a more simple processing schedule (in particular, a decreased number of deformation passes). So remarkable improvements in mechanical properties can be associated with three microstructure developments inherent for the AC 2 WDtechnology: (i) slow strain induced precipitation in austenite, due to decreased deformation in the austenite temperature field, saves microalloying elements, carbon and nitrogen for low temperature precipitation and solid solution strengthening; (ii) accelerated cooling through the intercritical temperature region helps the formation of the acicular ferrite/bainite (depending on steel composition) microstructure with fine grain size; and (iii) warm deformation followed by holding leads to appearance of deformation bands and dislocation walls, which reduce the distance of dislocation free-pass and contribute to the grain refinement effect. This work has shown a dependence of the mechanical properties on the number of deformation passes in the austenite temperature field. In addition, the processing schedule, which can provide maximum strength, varied with steel composition. Thus, the maximum strength of Ti-steel was achieved for the schedule with one pass of austenite deformation (route B). This route provided maximum precipitation strengthening and solid solution strengthening via a decreased number density and area fraction of >20 nm particles, maximum number density of <20 nm particles and maximum concentration of solid solute atoms (note the most expanded matrix unit cell size). Absence of austenite deformation (route C) resulted in a similarly fine-grained microstructure and the highest ductility. However, the TiN and TiC particle coarsening in austenite led to a lower <20 nm particle number density (lower precipitation strengthening) and, possibly, lower C and N concentrations in the matrix (lower solid solution strengthening). The maximum strength of MoNbTi-steel was achieved when no deformation of cast microstructure was applied in the austenite temperature field (route C). For this steel chemistry, route C provided the highest solid solute concentrations, although not the highest number density of <20 nm particles. Obviously, in the MoNbTi-steel, the role of solid solute atoms was greater than in the Ti-steel. In addition to C and N, Mo and Nb in solution could contribute to the solid solution strengthening effect. Thus, their retention in the form of atoms, rather than in the form of precipitates, was crucial for the steel strength. The highest elongation and toughness of MoNbTi-steel, although the lowest strength, were observed for the processing route with two hot deformation stages, i.e., route A. This coincided with the largest bainitic ferrite area width and minimal second phase fraction. In practice, a thin strip manufacturing facility could be recommended to operate with two rolling stands. Especially if due to economic reasons, lesser microalloyed steel compositions will be produced.
Conclusions
Investigation of the chemistry-processing-microstructure-properties relationship in the new technology based on austenite conditioning followed by accelerated cooling and warm deformation has led to the following conclusions:
1.
For the studied steel chemistry examples, new technology provided the yield stress in the range of 686-765 MPa and 880-950 MPa, ultimate tensile strength in the range of 783-836 MPa and 1037-1120 MPa, and simultaneously high elongation of 20-30% and 22-24% in the steels containing 0.095C-0.012Ti and 0.081C-0.1Mo-0.064Nb-0.021Ti (wt.%), respectively. This is 100-300 MPa superior to strength levels obtained using contemporary processing of steels with several times higher microalloying element contents. So remarkable property improvement can be related to minimal particle coarsening in austenite, optimum microalloying elements distribution between fine particles and solid solution, and formation of deformation bands and dislocation walls reducing the dislocation free-pass and contributing to the grain refinement effect.
2.
Processing route (in particular, two, one or no deformation passes in the austenite temperature field) leading to the maximum steel strength varied with steel composition. A lower microalloyed steel (Ti-steel) showed its maximum strength for the processing route with one pass of hot deformation of austenite and one pass of warm deformation of bainite. However, a higher microalloyed steel (MoNbTi-steel) showed its maximum strength for the processing route with no deformation of austenite. This is related to a variation in strengthening mechanisms in steels with different chemistry: in addition to grain refinement, critical for both compositions, precipitation strengthening was the second dominating in the Ti-steel, and the solid solution strengthening was the second in the MoNbTi-steel.
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Appendix A. Materials and Methods
The technology development was carried out via simulation of thermomechanical processing in Gleeble 3500 (manufactured by Dynamic Systems Inc., Poestenkill, NY, USA). Two steels were used to test the technology: 0.095C, 1.3Mn, 0.26Si, 0.018Ni, 0.013Cr, 0.022Cu, 0.039Al, 0.012Ti, 0.001S, 0.012P, and 0.0043N (wt.%), denoted as Ti-steel, and 0.081C, 1.20Mn, 0.27Si, 0.021Ni, 0.019Cr, 0.1Mo, 0.016Cu, 0.037Al, 0.064Nb, 0.021Ti, 0.001S, 0.012P, and 0.0047N (wt.%), denoted as MoNbTi-steel. The steels have been cast by BlueScope Steel Ltd (Melbourne, Australia) using the same processing parameters for both steels, and provided in the form of 10 × 15 × 20 mm 3 size samples. Ambient temperature microstructures of the as-received cast samples are shown in Figure A1 . Measurements of solidification rate were not conducted, as the effect of solidification rate on microstructure and mechanical properties was outside of the current project scope. Although, the observation of microstructures in Figure A1 suggests the cooling rate through the austenite-to-ferrite transformation temperature field could be around 5-10 • C s -1 . Microstructure characterisation was carried out using optical, scanning (SEM) and transmission (TEM) electron microscopy. Optical and SEM sample preparation included polishing with SiC papers and diamond suspensions, and etching with 5% Nital. Foils for TEM were prepared by hand polishing followed by ion milling on a Gatan PIPS machine (manufactured by Gatan, Pleasanton, CA, USA). Optical microscopy was conducted on a Leica DM6000M microscope (manufactured by Leica Microsystems, Wetzlar, Germany). SEM was carried out using a JEOL 7001F FEG scanning electron microscope (manufactured by JEOL, Tokyo, Japan) operating at 10 kV. The EDS semi-quantitative point analysis was carried out for about 30 particles for each of six studied conditions using an AZtec 2.0 Oxford SEM EDS system (manufactured by Oxford Instruments, Abingdon, UK). TEM was conducted on a JEOL JEM2010 TEM microscope (manufactured by JEOL, Tokyo, Japan). The foil thickness was measured to be~120 nm. The precipitates type was analysed using selected area diffraction. For statistical analysis, 200-350 particles were imaged for each condition. Imaging of dislocation structure was performed for the beam direction close to [011] grain zone axis. Tensile testing was carried out on a Kammrath and Weiss GmbH tensile stage. Testing was performed using 2 mm wide, 0.8 mm thick and 5 mm gauge length flat specimens. The specimens were cut in the plane parallel to the compression direction perpendicular to the Gleeble anvil plane. Such a cutting method assured the tensile direction was parallel to the one which represents the rolling direction in Gleeble simulation ( Figure A2 ). The constant crosshead speed of 5 µm s −1 was applied and resulted in 1 × 10 −3 s −1 strain rate. Two specimens were tested for each condition.
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